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Microstructural changes upon retrogression, and retrogression and reaging (RRA) treatment to 8090 Al-Li— Cu-—
Mg —Zr alloy in the peak aged (T8) temper have been studied by XRD and TEM. The variation of hardness with
retrogression, and retrogression and reaging (RRA) has been measured to assess RRA behaviour. XRD studies
exhibited all the phases that would be expected in the system. Retrogression primarily caused dissolution of matrix
strengthening o’ precipitates in the solution. Reaging the retrogressed state caused reprecipitation of the o’
precipitates in the matrix. Retrogression and reaging (RRA) treatments retained the strength of the conventional
peak aged temper, but TEM observations revealed some microstructural changes, such as growth of 6, T; and S’
phases, reduction of the dislocation densities, and generation of more dislocation loops and helices. MST/6039
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Introduction

Aluminium base alloys containing lithium are of potential
interest to the aerospace industry because of their
significantly higher values of specific strength and modulus
compared with conventional aluminium alloys.!> However,
Al-Li alloys have reduced ductility and poor fracture
toughness, marked anisotropy of mechanical properties,
particularly a non-recrystallised structure, and are also
susceptible to environmentally induced cracking (EIC).3 3

Cina®’ developed a non-conventional two stage heat
treatment process, known as retrogression and reaging
(RRA). This treatment is applied to materials in the T6 or
T8 condition and involves heating for a short time at a
temperature above the artificial aging temperature but
around the solvus line of the matrix strengthening
precipitates, followed by reaging to a condition similar to
that of the original T6 or T8 temper. It has been reported
that employment of the RRA treatment to 7000 and 8000
series alloys gave increased resistance to stress corrosion
cracking (SCC).8~!! The improvement in SCC resistance is
attributed to microstructural changes associated with the
RRA treatment. The 8000 series Al-Li—Cu-Mg-Zr
alloys constitute an age hardening system comprising
coherent ordered ¢’ precipitates along with f’ (AlZr)
coherent dispersoids as well as other precipitates of Ty, S’,
etc. Kanno et al.'> recommended that RRA treatment is
effective in alloys containing coherent dispersoids. There-
fore, RRA treatment applied to the 8000 series Al—Li-—
Cu—Mg-Zr alloy should also be effective in improving
SCC resistance while maintaining the strength level to that
of the peak aged temper.

Microstructural development during conventional artifi-
cial aging of the 8000 series alloys has been reported in
detail.'3~ 18 The types of precipitates observed in this
complex system comprise phases such as o’ (AlzLi), ¢
(AlLi) S" (Al,CuMg), T; (Al,CuLi) and " (AlzZr), etc.
Work has been reported on how RRA treatments affect
microstructural changes and also EIC performances.!!!%20
In the present work, the microstructure of 8090 Al-Li-
Cu—-Mg-Zr alloy of T8 temper, and the microstructural

changes after retrogression and reaging (RRA) treatment is
given to this 8090-T8 alloy have been examined.

Experimental

8090 alloy was obtained from the Defence Metallurgical
Research Laboratory (DMRL), Hyderabad, India, in sheet
form having a thickness of 2-8 mm. The alloy sheet had
been solutionised at 530 - 535°C, water quenched, stretched
1-5-2-5%, followed by artificial aging at 170°C for 24 h,
corresponding to the peak aged T8 temper. The chemical
composition (wt-%) of the alloy is given in Table 1.

Coupons of approximate dimensions 10 x 10 x 2-5 mm to
study hardness and for TEM and XRD observations, were
obtained from the as received alloy sheet. Retrogression
treatments were applied to all specimens of as received T8
temper in a vertical tube furnace in air. The retrogression
temperatures were chosen above and below the matrix
strengthening precipitate 6’ solvus line of the Al-Li
system.”! Specimens were retrogressed for a precise time
in the furnace, quenched into ice cold water, followed by
isothermal and duplex reaging to the peak aged temper. The
retrogression schedule applied to the specimens is given in
Table 2.

Before retrogression and reaging treatment, the as
received alloy sheet surfaces were ground to 100 um
minimum so as to remove the lithium and magnesium
depleted zones and subsurface porosity zones developed
during alloy solutionising, which was carried out at a
temperature 530—535°C in air.?> After RRA treatment
surfaces were polished with up to 600 grit emery papers
lubricated with kerosene oil and finally de-oiled. The
hardness values were measured using a Vickers hardness

Table 1 Chemical composition (wt-%) of sample 8090
alloy

Alloy Li Cu Mg Zr Fe Si Al

8090 2:29 1-24 0-82 0-12 0-09 0-044 Bal.
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1 Hardness versus retrogression time for 8090-T8 sample

testing machine. X-ray diffraction (XRD) studies were
carried out using a Philips PW 1710 diffractometer unit
with cobalt and copper targets. For transmission electron
microscopy (TEM) studies, samples were mechanically
thinned to a thickness of approximately 100 pm, punched
to obtain 3 mm discs and finally thinned to perforation
using a Fischione twin jet electropolisher operating at 25 V
and 2-5 A, in an electrolyte of composition 30%HNO; and
70%CH3;COOH at a temperature of approximately —20°C.
A Philips CW12 transmission electron microscope was used
for observation of the microstructures.

Results and discussion

RRA AND HARDNESS MEASUREMENT

Figure 1 shows plots of hardness versus retrogression time
at retrogression temperatures of 235, 250, 265, and 280°C.
The graphs exhibit the characteristic behaviour of retro-
gression phenomenon. The hardness versus retrogression
time curves have two distinct regions: an initial sharp
decrease in hardness; attainment of a minimum followed by
a slight increase in hardness after which there is no further
change in hardness values for the maximum retrogression
time studied. The trends in the results are in agreement with
the results for 7000 and 8000 series alloys obtained by other
researchers.?>~2> However, the observed retrogression time
corresponding to minimum hardness is different from that
reported in other studies!® as this depends on many
variables, such as sheet thickness, heating medium, etc.?%
Further, the curves show that the higher the retrogression
temperature the greater the drop in hardness and the shorter
the retrogression time to attain minimum hardness.?*

The variation in hardness of retrogressed and reaged
material as a function of retrogression time is shown in
Fig. 2. The figure indicates that reaging the retrogressed
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2 Variation of hardness with retrogression plus reaging
to peak aged temper

temper caused the original peak hardness values to be
approached. However, for the longer retrogression times,
reaging to the peak aged temper failed to achieve the
original peak aged hardness values. This is due to the fact
that longer retrogression time at the retrogression tempera-
ture (it is to be noted that the retrogression temperature is
quite high compared to that of the artificial peak aging
temperature, 170°C) leads to a state of overaging temper.
Given the premise that the primary source of strengthen-
ing in the T8 condition is the presence of a coherent o’
phase, it is suggested that the initial decrease in hardness
with retrogression time is due to preferential dissolution of
shearable coherent matrix strengthening ¢’ precipitates,
which are no longer stable at the retrogression temperature.
During the retrogression process, other existing precipitates
like Ty, S’, and S remain mostly undissolved (Fig. 7a, b and
¢), which is in agreement with work reported in the
literature.?’” However, the growth of precipitates S, T, and
5 can occur to some extent (Fig. 3).?® The decrease in
dislocation density (see Fig. 115)!-!%?° during retrogression
is also a contributing factor to the decrease in hardness. The
minima in the retrogression curves are indicative of the
maximum dissolution of ¢’ precipitates. At the time of
minimum hardness, the rate of dissolution and the rate of
reprecipitation of ¢’ precipitates may be equal and there-
after, beyond the hardness minimum, hardness may remain
more or less constant with retrogression time. The greater
decrease in hardness value with increase in retrogression
temperature (Fig. 1) is attributed to the fact that a higher
retrogression temperature causes more dissolution of o’
precipitates.3® Further, the faster drop in hardness with

Table 2 Retrogression and reaging (RRA) schedule applied to sample 8090 alloy

Retrogression temperature
Test and time

Reaging schedule

RRA temper designation

235, 250, 265 and 280°C for
1 to 40 min

250°C for 12 min

Hardness

XRD and TEM

280°C for 8 min

Isothermal reaging (IA) at 170°C
for 24 h corresponding to peak aging temper

Isothermal reaging (IA) at 170°C for 24 h 8090R2501A
Duplex aging (DA) at 150°C for 36 h, followed 8090R250DA
by heating to 195°C at a rate of

5-7 K min~" and holding for 1 h at the temperature

Isothermal reaging (IA) at 170°C for 24 h 8090R280I1A
Duplex aging (DA) at 150°C for 36 h, followed by 8090R280DA

heating to 195°C at a rate of
5-7 K min~" and holding for 1 h at the temperature
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retrogression temperature requiring less retrogression time
to minimum hardness, is consistent with the concept of
faster dissolution kinetics with increasing temperature.
Reaging the retrogressed tempers causes reprecipitation of
the matrix strengthening ¢’ precipitates resulting in the
(near) attainment of the original peak hardness values. Thus
retrogression and reaging (RRA) tempers have hardness
values approaching that of the conventional peak aged (T8)
temper.

RRA AND X-RAY DIFFRACTOGRAMS

Figure 3 shows X-ray diffractograms of the as received
8090-T8 alloy, the alloy retrogressed at 250°C for different
times (5 min and 12 min), and the alloy retrogressed and
reaged (8090RS0DDA and 8090R2501A).

Diffractograms at all tempers show peaks of all the
probable phases that would be present in the alloy system,
such as -Al matrix, 6’ (Al;Li), 6 (AlLi), S" (ALCuMg), T,
(Al,CuLi), and ' (AlsZr) phases. Diffractograms (Fig. 3)
of samples of 8090 alloy retrogressed at 250°C for 5 min
and 12 min indicate the disappearance of the ¢’(j00) peak
and the appearance of an additional T,(o) peak and other
intensified peaks of T and ¢ phases. The appearance of the
additional T, 102y peak and other intensified peaks of T} and
0 phases is due to fact that with dissolution of ¢’ phase into
solution during retrogression, the lithium content of the
solid solution increases, resulting in the nucleation and
growth (and also growth of the existing phases in the as
received alloy) of lithium bearing phases. Diffractograms of
the alloy retrogressed and reaged to peak hardness (RRA)
show the reappearance of the d'(100) peak together with the
presence of the other additional peaks from the Ty and ¢
phases formed during retrogression.

MICROSTRUCTURES

In transmission electron microscopy (TEM) studies, atten-
tion has been focused on observing the second phase
precipitates within the grains, and on the high angle and low
angle grain boundaries. This has enabled an assessment of
the changes in the size, distribution, and morphology of
precipitates with the retrogression and reaging (RRA)
treatment. Diffraction patterns of the phases have not been
reported as these are well established for these alloy
systems.3! 33

4 TEM image of 8090-T8 temper sample

B’ (AlsZr) dispersoids

Figure 4 shows TEM photomicrographs of the 8090 alloy in
the peak aged (T8) condition, and exhibits irregular shaped
p' (Al3Zr) dispersoids on high angle grain boundaries and in
the matrix and J.

The p’ precipitates are stable owing to the low solid
solubility of Zr in Al, small misfit, and sluggish zirconium
diffusion.3¢37 The dispersion of these particles, size ranging
from 20—-30 nm diameter, is very effective in pinning grain
and subgrain boundaries during thermal and mechanical
processing, and thus inhibiting recrystallisation.’® On the
other hand, coherent f’ (AlZr) precipitates provide
heterogeneous nucleation sites for matrix strengthening o’
(AlsLi) phase. The reduction of both strain and surface
energy is responsible for the effectiveness of the i’ particles
in nucleating 6’ phase.!®3® Indeed, they can induce
precipitation at lithium levels that are inadequate for
homogeneous nucleation.*>#! In the present work p’
(Al3Zr) dispersoids acted as a heterogeneous nucleation
site for some of the ¢’ precipitates, resulting in the
formation of duplex ¢’ (i.e. ' coated ) particles. Because
of the high stability of the f’ particles, the size and the
distribution of particles will not be altered at the retro-
gression and reaging temperatures.

o' (AlsLi) precipitation
Figure 5a—c¢ shows dark field images of the matrix
strengthening o’ precipitates of the peak aged (T8),
8090R280IA and 8090R280DA tempers. Figure 6a—c
gives a representation of the size of 0’ particles and their
distribution as histograms for the 8090-T8, 8090R280IA
and 8090R280DA tempers. The ¢ particle size distribution
was analysed using Leica QWIN software and by selecting
different regions of ¢’ images. The software has options for
determining area fraction covered by the o' precipitates,
median, mean, standard deviation, kurtosis, skewness, etc.,
of the particle size distribution.

The volume fraction of ¢’ precipitates in different
tempers can be calculated using the expression given by
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a 8090-T8; b 8090R280DA; ¢ 8090280IA

5 Dark field image of 4’ in samples having different tempers

Underwood*? for spherical particles of diameter D
f5=—2In(1—A4)D/(D+3r1)

where A is the area fraction of the ¢’ particles as measured
from the dark field TEM image, and ¢ is the thickness of the
foil. In the present calculation, the particle median has been
used to determine the volume fraction. For volume fraction
calculation, foil thickness has been taken to be
100—120 nm. The calculated volume fraction of o’
precipitates for different tempers are given in Table 3.
The table indicates that the volume fraction of the o’
precipitates in the conventional peak aged and RRA
tempers remains more or less the same. In this context, it
is to be borne in mind that a variation in foil thickness of
20 nm results in about 10% variation in the calculated
volume fraction of the precipitates.

The 8090 alloy in the retrogressed state was also studied
using TEM, but no 6’ phase was detected, indicating that all
the 0’ precipitate had been dissolved by the retrogression
treatment.

S” (Al,CuMg) precipitation

Figure 7a shows rodlike and platelike (i.e. impinged
rectangular rods along a line) S" precipitates on dislocations
that have been generated during stretching after solutionis-
ing, in the 8090-T8, temper. Similar observations have been
reported by other investigators.*>** Irregular shaped f’
particles are also visible in the micrograph.

The S’ (S) precipitation process in Al—-Cu—Mg alloys has
been discussed in the literature.*>*>46 In ternary Al-Cu—Mg
alloys, heterogeneous nucleation takes place on the high
density of dislocation loops and helices that are present in the
as quenched condition. But, in lithium containing alloys, the
strong lithium atom vacancy binding energy inhibits vacancy
condensation and formation of loops and helices: the only
available heterogeneous nucleation sites are grain and
subgrain boundaries. But, for appreciable S’ precipitation
in quaternary Al—Li—Cu-Mg alloys, preaging stretching is
required. In the 8090 alloy, 1-5-2-5% pre-aging stretching
increases the dislocation density and these dislocation sites act
as nucleation sites for the observed heterogeneous precipita-
tion of S’ (S) precipitates®’ (Fig. 7a, b and c).
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Figure 7b, ¢ shows rodlike and platelike (i.e. impinged
rectangular rods along a line) S’ precipitates on dislocation
sites in 8090R280IA and 8090R250DA tempers. A similar
type of S’ precipitates distribution was observed in the as
received peak aged temper (Fig. 7). Thus it is to be
concluded that RRA treatment has not altered the existing
distribution of S’ precipitates on the dislocations, i.e.
retrogression treatment does not cause dissolution of S’
precipitates in the matrix.

Dislocation loops, helices and decoration of
precipitates

Figure 8¢ shows the S’ and T; phases preferentially
precipitated on dislocation and dislocation loops for the
alloy in the T8 temper.!”4”*8 Figure 8b, ¢ show S’ and T,
phases preferentially precipitated on dislocation and
dislocation loops as well as in the matrix in 8090R280IA
and 8090R250IA tempers. The micrographs indicate that
RRA treatment resulted in more dislocation loops and

Table 3 Details of ¢’ particles image analysis and estimated volume fraction of ¢’ particles

Field 1: ¢’ particles image

Field 2: ¢’ particles image

Foil thickness

Volume fraction

Volume fraction

Alloy temper t, nm Area fraction Median, nm (x1073) Area fraction Median, nm (x1073)
8090-T8 100-120 0-26 155 29-25 0-25 15-0 27-23
R280IA 100-120 0-27 13-34 27-23 0-29 13:0 27-24
R280DA 100-120 0-27 15:0 29-25 0-22 16:0 25-21
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a 8090-T8; b 8090R280IA; ¢ 8090R250DA
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7 TEM images of S’ precipitates on dislocations in samples having different tempers

helices and additional precipitation of S’ and T, phases on
these dislocations loops and helices. The generation of more
dislocations loops and helices and precipitates in the RRA
tempers (as observed in Fig. 86 and c¢) needs to be
explained.

Retrogression causes the dissolution of ¢’ precipitates
and GP zones that influences the vacancy concentration to
the extent that vacancies are released by the dissolution of
these zones. Like Mg, Li—vacancy binding energy in binary
Al-Li alloy and ternary Al-Li—Zn alloys* has been
reported to be high. Gregson et al.'> claim that Li in solid
solution in Al-Li—Cu- Mg alloys significantly reduces the
free vacancy concentration due to its high vacancy binding
energy, and that the precipitation and growth of §' would
therefore increase the concentration of free vacancies. This
argument appears to contradict the hypothesis of Baumann
and Williams®® and Suzuki et al.>' who maintain that the &’
phase acts as vacancy traps and confines them during aging.

It is, however, possible for both these situations to exist in
an alloy as follows: the formation of ¢’ will increase the free
vacancy concentration, but there is a high probability for
these free vacancies to encounter Li atoms in solid solution
repeatedly (due to the high Li concentration in the alloy
studied) before they can reach a matrix dislocation or grain
boundary, get dragged by the Li atom back to the o'
precipitates, and thereby relieve Li supersaturation and
permit ¢’ growth. In this sense, these ‘free’ vacancies are
‘trapped’ in the matrix, serving the function of repeatedly
transporting Li to ¢’. In the retrogression process, vacancy
mobility will be affected by the increase in temperature from
ambient to retrogression temperatures (250 and 280°C) as
well as by the increased solutes content (Li, Mg, and Cu) in
the solid solution, resulting from the complete dissolution of
GP zones and ¢'. Although these elements in solid solution
are very effective in keeping vacancies bound at room
temperature, they are not as effective at these higher
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8 TEM images showing dislocation loops and helices containing T, and S’ precipitates in samples having different

tempers

temperatures and a percentage of these vacancies will
migrate to sinks such as grain boundaries and dislocations.
Some of the vacancies can collapse into loops and helices
and condense on existing loops and helices. These will have
an impact on the distribution of the precipitates by
providing nucleation sites for further strengthening phases
during artificial aging.

Artificially reaging the retrogressed state results in the
reprecipitation and growth of ¢’ phase. With increasing
reaging time, the solid solution (i.e. matrix) becomes
progressively diluted in Li, thereby enhancing further the
vacancy mobility and lowering vacancy supersaturation.
These vacancies can continue to form loops, migrate to
dislocations, and form helices, or annihilate at grain
boundary sinks. The first two mechanisms will provide
additional nucleation sites for the strengthening phases
within the matrix while the third one provides transport of

solute atoms to grain and subgrain boundaries, thereby
encouraging growth of S’ and T, at these sites.!”

Uniform T, and S’ precipitation

Figure 9a, b show TEM micrographs of 8090R280DA
tempers, which exhibit a uniform distribution of hetero-
geneous precipitation of T and S’ phases within the matrix.
The retrogression and reaging treatments have caused an
increase in T; phase, which has also been reflected in the
X-ray diffractograms of Fig. 3. This happens because
during retrogression Li goes into solution, causing growth
of Li bearing phases such as T, and J phases. The
retrogression and reaging treatments may also cause further
S’ phase precipitation.’” Homogeneous precipitation of S’
phase in 8090 alloy depends upon free vacancy concentra-
tion, and this is a function of both solution treatment

Materials Science and Technology July 2004 Vol. 20



832 Ghosh et al. Microstructural changes upon retrogression and reaging of 8090-T8 alloy

a

9 TEM images of 8090R280DA showing widespread distribution of T, and S’ precipitates in matrix

temperature and low temperature aging, before artificial
aging at a higher temperature. During reaging of the
retrogressed state at low temperature (150°C), nucleation
and growth of ¢’ particles occur. During the growth of ¢’
phase, excess Cu and Mg concentration occurs at the
growth front and also the vacancies strongly bound to Li
atoms are released. Both of these effects lead to the
development of a large volume fraction of S’ precipitates.
There is enough evidence that the widespread homogeneous
uniform distribution of S’ precipitates promotes cross-slip
thereby dispersing slip resulting homogeneous deformation
with an improved ductility and toughness.’” Tensile tests

have been carried out on the T8, four RRA, and over aged
(T7) tempers at nominal strain rate (~1-33 x 1073 s Y as
well as at low strain rate (~6:0x10"%s™') at room
temperature and it has been found that there is an
improvement in ductility values in the RRA tempers over
the T8 temper.*®

o (AlLi) precipitation

Figure 10a is a TEM micrograph of the 8090R280IA RRA
tempers showing equilibrium J precipitates on the high
angle grain boundaries. ¢ phase is also visible on the high
angle grain boundaries as well as on the subgrain

10 TEM images of 8090R280IA showing a equilibrium ¢ precipitates along high angle grain boundaries; and b J precipi-
tates along high angle grain boundaries as well as along subgrain boundaries
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a 8090-T8; b 8090R280IA

11 Dislocation densities within the grains of two differently tempered samples

boundaries for the same RRA temper in Fig. 105. The
decoration of S’ and T, precipitates on stray dislocations
are also visible. RRA treatments resulted in the formation
of a large amount of J phase and coarsening of the
precipitates along the subgrain and grain boundaries,
compared to that of the T8 temper (Figs. 4, 10a and 105).
Similar results after RRA are also reported in the
literature.”!%>2

During retrogression, the dissolution of ¢’ phase
increases lithium concentration in the solid solution and
this causes the nucleation and growth of § phase along
subgrain and grain boundaries as well as the growth of the
existing o precipitates. Reaging the retrogressed state causes
further growth of this phase. It is a well established fact that
the longer the aging time the greater the amount of 6 phase
precipitation on high angle grain boundaries as well as on
low angle boundaries. Since the total aging time in RRA is
twice the aging time of the conventional peak aging temper,
it is obvious that the microstructure of RRA treated alloy
will contain a large volume fraction of coarse ¢ phase, so
that the microstructure will approach that of the overaging
(T7) temper. The precipitation of ¢ phase along low angle
grain boundaries after long aging times was also observed
by Tosten et al>® in A1-2Li—3Cu. It is to be mentioned
that the additional coarse J precipitation on high and low
angle grain boundaries causes an improvement in the
resistance to intergranular corrosion (IGC) and stress
corrosion cracking (SCC).20-%

Dislocation density

Figure 11a, b shows the dislocation structure within the
grains and subgrains of 8090 alloy in the peak aged (T8) and
8090R280IA tempers. Figure 11a shows a fairly uniform
distribution of dislocations inside the grains. Figure 115
exhibits a decrease in dislocations in the grains, compared to
the original dislocations in the T8 temper. Some of the
dislocations are decorated with fine precipitates, presum-
ably formed during aging and RRA. This is quite natural, as
the retrogression treatment at temperatures 280 and 250°C
annihilates dislocations of opposite sign. Thus, retrogres-
sion treatment results in a decreased dislocation density.

Similar observations are also reported in the litera-
ture'»1%2 for aluminium base alloys.

Conclusions

1. Retrogression treatments cause a decrease in hardness,
which is attributed to the dissolution of matrix strengthen-
ing o' precipitates and reduction in dislocation densities.
Reaging the retrogressed state results in restoration of the
original peak aged hardness.

2. XRD and TEM studies show that retrogression causes
dissolution of ¢’ phase and reaging the retrogressed state
causes reprecipitation of ¢’ phase in the matrix.

3. RRA treatments result in generation of more disloca-
tion loops and helices and decoration of precipitates on
them. TEM photomicrographs also show widespread
precipitation of S’ and T, precipitates on dislocations,
and larger equilibrium ¢ precipitation along grain bound-
aries as well as on subgrain boundaries. In the RRA
tempers, the size and distribution of 6’ and f’ phases are
more or less the same as in the T8 temper.
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