Characterization of Retrogression and Reaging Behavior
of 8090 Al-Li-Cu-Mg-Zr Alloy
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An 8090 Al-Li-Cu-Mg-Zr alloy in the peak-aged (T8) temper was subjected to retrogression treatment
at temperatures above and below the 8" (Al;Li) solvus line and immediately reaged to various tempers.
Retrogression and reaging (RRA) behavior is characterized by hardness testing, tensile testing, transmission
electron microscopy (TEM), X-ray diffraction (XRD), differential scanning calorimetry (DSC), and elec-
trochemical polarization studies. Retrogression of the T8 temper alloy causes dissolution primarily of
&' (Al3Li) precipitates into solid solution that results in a decrease of hardness and tensile strength and
an increase of ductility of the alloy. Reaging of the retrogressed state causes reprecipitation of the &'
precipitates in the matrix resulting in the restoration of strength and ductility properties. Retrogression
and reaging to the peak-aged temper, designated at T77 temper, has been found to retain the strength
of the conventional T8 temper, but with the gross aging time in the RRA temper almost twice that of
the conventional T8 temper, the microstructure of the RRA temper approaches that of the overaged (T7)
temper. Thus, RRA treatment contributes to an improvement of stress corrosion cracking (SCC) resistance

over the conventional T8 temper while retaining the mechanical properties of T8 temper.

I. INTRODUCTION

ALUMINUM alloys containing lithium are candidate
alloys for aerospace industries because of their reduction in
density, increase in elastic modulus, and increase in specific
strength over the most widely used conventional aluminum-
base alloys.!"** The mechanical properties of Al-Li alloys are
strongly sensitive to processing conditions, and therefore, prod-
uct quality is more difficult to control than for conventional
alloys. Al-Li alloys have unattractive fracture behavior, espe-
cially poor ductility, compared to the traditional high-strength
alloys and high anisotropy of nonrecrystallized products. More-
over, these alloys, such as 2xxx and 7xxx series alloys, are
also susceptible to stress corrosion cracking (SCC) in their
maximum strength peak aged, T6, or T8 temper. Overaging
(T7) temper has an acceptable SCC resistance, but lower
strength. ]

A nonconventional two-stage heat-treatment process,
retrogression and reaging (RRA), identified by T77 designa-
tion, was developed by Cina.'! The RRA treatment applied
to 7xxx series has been reported to improve the SCC resis-
tance, which makes the heat treatment attractive to the aero-
space industries.'*”! The low ductility and toughness of binary
Al-Li alloys can be traced to many concurrent and mutually
competitive factors, mainly the inhomogeneous nature of slip
resulting from coherent matrix strengthening ordered spheri-
cal &' precipitates and the presence of coarse equilibrium & pre-
cipitates at the grain boundaries.!'! However, for commercial
Al-Li-Cu-Mg-Zr alloys, the presence of Zr, Mg, and Cu causes
precipitation of B’ (Al;Zr) dispersoids and semicoherent/
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incoherent T; (Al,CuLi), S, and S" (Al,CuMg) precipitates.
These precipitates result in better slip homogenization and has
been found to improve ductility and fracture toughness.[®!!!
Further, the ductility parameters in these alloys could also be
improved by suitable heat treatments such as by thermome-
chanical treatments as well as by proper RRA treatments.
Hence, the principal benefits of RRA treatments are increased
reliability, reduced maintenance costs, and avoidance of weight
penalties by the use of standard overaged temper.

Extensive work has been done on 7xxx series alloys to
optimize the heat-treatment conditions in RRA treatments!!'?
and to study the effects of RRA on microstructural changes
and precipitation behavior,!'1*15! dislocation densities,!'!”!
physical and strength properties,!'®!”! and finally on SCC
behaviour.'>2231' A similar type of work has also been initi-
ated on Al-Li alloys and the results show that RRA treatment
increases SCC resistance and exfoliation corrosion resis-
tance.**28 However, little work is reported on the character-
ization of RRA behavior on 8xxx series Al-Li-Cu-Mg-Zr alloys.
In the present work, characterization of RRA behavior of the
8090 Al-Li-Cu-Mg-Zr base alloy by various techniques, viz.
hardness and tensile testing, transmission electron microscopy
(TEM), X-ray diffraction (XRD), differential scanning calorime-
try (DSC), electrochemical polarization studies, and measure-
ment of electrical conductivity values has been carried out and
the results are discussed.

II. EXPERIMENTAL PROCEDURES

A. Material

The 8090 alloy was obtained from DMRL (Hyderabad,
India) in sheet form having a thickness of 2.8 mm. The alloy
sheet was solutionized at 530 °C to 535 °C, water quenched,
stretched 1.5 to 2.5 pct, and artificially aged at 170 °C for
24 hours corresponding to the peak-aged, T8 temper. The
chemical composition (weight percent) of the alloy is given
in Table L.
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B. RRA Heat Treatment

Coupons of approximate dimensions 10 X 10 X 2.5 mm®
for the studies of hardness, TEM, DSC, XRD, and electro-
chemical polarization, and tensile specimens of approximate
dimensions 25-mm gage length, 4-mm width, and 2.5-mm
thickness (transverse to rolling direction) for electrical resis-
tivity measurement and tensile testing, were obtained from
the as-received alloy sheet. Retrogression treatments were
applied to all of the specimens of the as-received T8 temper
in a vertical tube furnace in air. The retrogression temperatures
were chosen above and below the matrix strengthening pre-
cipitate & solvus line of the Al-Li system.” The specimens
were retrogressed for a precise time in the furnace and
quenched into ice-cold water followed by isothermal and
duplex reaging to the peak-aged temper. The retrogression
schedule applied to the specimens is given in Table II.

C. Testing and Characterization Techniques

Before testing, the specimen surface was ground to the
extent of 100 wm to remove the lithium- and magnesium-
depleted zones and subsurface porosity zones developed dur-
ing solutionization of the alloy, which was carried out at a
temperature of 530 °C to 535 °C in air.*% The surface was
ground on emery papers lubricated with kerosene oil up to
600 grits and finally deoiled. The hardness values were mea-
sured using a Vickers hardness testing machine. Tensile test-
ing was carried out on sheet specimens having dimensions
of 25-mm extended gage length, 4-mm width, and 2.6-mm
thickness, using Shimadzu Autograph universal testing machine
at a crosshead speed of 2 mm/min. Origin 6.1 software was used
to plot the stress strain curves, importing the load and stroke
data recorded in the computer of the universal testing

Table I. Chemical Composition (Weight Percent)
of the 8090 Alloy

Alloy Li Cu Mg Zr Fe Si Al
8090 229 124 0.82 0.12 0.09 0.044

balance

machine. Hence, the total elastic strain in the stress strain
might include a small amount of elastic strain of the grip-
ping portion of the specimen, and thus, the elastic strain
values could be on the higher side. Tests were repeated to
confirm the results and the variation were within 5 pct of
the reported results.

For TEM studies, the samples were mechanically thinned
to a thickness of approximately 100 wm, punched to obtain
3-mm disc, and finally thinned down to perforation using a
Fischione twin-jet electropolisher, operating at 25 V and 2.5 A
current, in an electrolyte of composition 30 pct HNO; and
70 pct CH;COOH at a temperature of approximately —20 °C.
A PHILIPS* CW12 transmission electron microscope was

*PHILIPS is a trademark of Philips Electronic Instruments Corp.,
Mahwah, NJ.

used for the observation of the microstructures. X-ray dif-
fraction study was carried using a PHILIPS PW 1710 dif-
fractometer unit with cobalt and copper targets. Differential
scanning calorimetry runs were initiated from room tem-
perature to 540 °C temperature at a heating rate of 10 °C/min
in an argon atmosphere, using a Stanton Redcroft model
STA 625 (heat flux type) simultaneous thermal analyzer.
Specimens of approximately 30 mg were cut from coupons
of various tempers of the alloy and the sides of the speci-
mens were made absolutely flat and smooth for a good con-
tact with the crucible during the DSC runs. The output, viz.
the neat heat flow to the reference (high-purity annealed alu-
minum) relative to the samples, was recorded as a function
of temperature. Potentiodynamic polarization was carried
out by using a computer controlled Meinsberger potentio-
stat/galvanostat with in-built PS6 software.

III. RESULTS AND DISCUSSION

A. Hardness Measurement and Tensile Testing

Figure 1 shows the variation of hardness vs retrogression
time at retrogression temperatures of 250 °C, 265 °C, and
280 °C. The graphs exhibit the characteristic behavior of

Table II. RRA Schedule Applied to Al-Li-Cu-Mg-Zr Alloy

Retrogression Temperature

Samples for Studies and Time

Reaging Schedule RRA Temper Designation

at 250 °C and 280 °C
for 1 to 40 min

Hardness

Specimens for tensile testing, at 250 °C for 12 min
XRD, TEM, DSC and
electrochemical polarization

studies

at 280 °C for 8 min

isothermal reaging (IA) at —
170 °C for 2, 24, and 96 h
corresponding to underaging,
peak aging, and over aging
tempers, respectively

IA at 170 °C for 24 h 8090R2501A
duplex aging (DA) at 150 °C 8090R250DA
for 36 h, followed by heating
to 195 °C at a rate of 5 °C/min
to 7 °C/min and holding for
1 h at the temperature
IA at 170 °C for 24 h 8090R280TA
DA at 150 °C for 36 h, 8090R280DA

followed by heating to
195 °C at rate of 5 °C/min
to 7 °C/min and holding
for 1 h at the temperature
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Fig. 1—Variation of hardness with retrogression time of 8090-T8 at dif-
ferent retrogression temperatures.

the retrogression phenomenon.!'>!52 The hardness vs ret-
rogression time curves have two distinct regions. These are
an initial sharp decrease in hardness, attainment of minimum
followed by a slight increase in hardness after which no fur-
ther change in hardness values for the maximum retrogression
time was studied. Further, the curves show that the higher
the retrogression temperature, the greater the drop in hardness
and the less the retrogression time for the minimum hard-
ness. The trends of the results are in conformity with the
results for 7xxx and 8xxx alloy series, obtained by other
researchers.! 319212 Figure 2 exhibits the variation of hard-
ness with retrogression time at a retrogression temperature
of 265 °C and also the change in hardness on subsequent
reaging of the retrogressed state to under-, peak-, and overaged
tempers. The figures indicate that reaging the retrogressed
temper causes regaining of the original peak hardness values.
However, at the higher retrogression time, reaging even to
the peak-aged temper failed to achieve the original peak-aged
hardness values. This is due to the fact that the retrogression
temperature is quite high compared to that of the artificial
peak aging temperature of 170 °C; a longer retrogression time
at the retrogression temperature leads to an overaging temper.
The hardness values of retrogression underaged temper are
lower than the hardness values of the retrogression overaged
temper that are, also lower than those of the retrogression
peak-aged temper. Other researchers!'*!" have observed sim-
ilar trends in aluminum-base alloys.

Figure 3 shows representative stress-strain curves of the
8090 alloy of various tempers tested in universal testing
machine at a crosshead speed of 2 mm/min in air. Tests were
repeated to confirm the results. The strength values of the
peak-aged tempers for the alloy are in conformity with those
for the corresponding tempers reported in literature.!"!"3! Fur-
ther, Figure 3 indicates that the retrogression tempers have
lower yield and ultimate strength values compared to those
of the as-received peak-aged (T8) and retrogressed and peak-
aged (RPA) tempers, but the ductility values are slightly higher.
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Fig. 2—Variation of hardness with time for retrogression at 265 °C and
reaging to various tempers.
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Fig. 3—Stress-strain curves of the 8090 alloy of various tempers.

The higher the retrogression temperature, the greater is the
decrease in strength values and the greater is the ductility. The
strength values of the retrogressed and underaged (RUA) tem-
pers are higher than the values of the retrogressed tempers
but are lower than the values in the peak-aged (T8) and RPA
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tempers. The strength values of the RPA tempers are in close
proximity to those of the as-received T8 temper. It is of par-
ticular interest that although the total aging time of the RRA
tempers is almost twice the aging time of the conventional
peak-aged (T8) temper, the yield strength and ultimate ten-
sile strength values are in the same range of those in the
conventional peak-aged (T8) temper.

The initial decrease of hardness with retrogression time is
due to the preferential dissolution of the shearable coherent
matrix strengthening &' precipitates, which are no longer stable
at the retrogression temperature, because the retrogression tem-
perature is near or above the &' solvus line.”” However, during
retrogression, other precipitates such as T}, S’, and S remain
mostly undissolved.® However, the growth of the precipitates,
particularly, S’, T;, and & can occur to some extent** (Figures 8
and 9). The decrease of hardness and strength values on
retrogression may also be due to the decrease of dislocation
density,"*!"! as evidenced in Figure 6(b). The decrease of hard-
ness and strength values with an increase of retrogression tem-
peratures (Figures 1 and 3) can be attributed to the fact that
higher retrogression temperature causes more dissolution of
the &' precipitates into the solution. The minima in the retro-
gression curves are indicative of the maximum dissolution of
the &' precipitates for the corresponding retrogression tem-
perature. The retrogression process beyond the time corres-
ponding to the minimum hardness will not cause further
decrease of hardness, because complete dissolution of &' preci-
pitates is not possible upon retrogression; instead, there can be
slight hardening owing to the onset of structural age hardening,
e.g., nucleation and growth of a new stable phase, as reported
in the literature."®!”! The present results confirm the findings
of Rajan et al.™ and Thakur and Balasubramaniam™”! that ini-
tially the dissolution rate is greater than the precipitation rate, but
beyond a critical point, the precipitation rate of the 8’ precip-
itates might be occurring at the same rate and thereafter the
hardness remains more or less the same with retrogression time.

Reaging to retrogressed tempers causes reprecipitation of
the matrix strengthening &' precipitates resulting in an increase
of hardness and strength values. Reaging the RPA temper
causes complete reprecipitation of the matrix strengthening
o’ precipitates, and hence, the strength properties of the RPA
tempers are close to those of the T8 temper. Reaging to under-
aged temper causes only partial reprecipitation of the &' phase.
So, the strength values of the RUA tempers are higher than
the strength values of the retrogressed tempers, but lower
than the strength values of the peak-aged tempers. The lower
hardness values of the retrogressed and overaged temper to
that of the RPA temper are a result of the fact that overaging
results in the growth of & precipitates.

The TEM studies have been carried out to observe the &'
precipitates in the conventional T8, retrogressed, and RRA
tempers of the alloy. The TEM studies revealed that the con-
ventional T8 and RRA tempers contain &' precipitates, an
average area fraction of 27 pct which was determined from
the dark-field micrograph with the help of Leica Qwin image
analysis software. However, in the retrogression state, no dark-
field image of the &' precipitates could be obtained because
superlattice spots that would arise from the &' precipitates
were absent. This reflects that retrogression treatments caused
dissolution of matrix strengthening &' precipitates into solution.
The TEM studies on microstructural changes associated with
&', 6, T;, S, B’ phases, dislocation densities, generation of
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more dislocation loops, helices, efc. upon RRA treatment given
to this alloy have been discussed in detail elsewhere.
The presence of ordered coherent shearable &' precipitates
leads to inhomogeneous slip, thereby causing severe strain
localization during deformation.!"! Hence, there is limited
ductility in the peak-aged tempers. Thus, in the retrogressed
state, the absence of (or the presence of a very low volume
fraction) of &' precipitates and the lower dislocation density
do not cause any strain localization during deformation. This
results in slip homogenization contributing to an improvement
of the ductility value. The homogeneous distribution of S’
throughout the matrix (Figure 6(d)) minimizes coarse planar
slip by promoting cross-slip and, in turn, homogenizes defor-
mation causing an improvement of the ductility value.”**

B. SEM Fractography

Figures 4(a) through (d) show some representative scan-
ning electron fractographs of the tensile specimens of as-
received peak-aged (T8), retrogressed at the temperatures of
280 °C and 250 °C and RRA tempers. The fractography
reveals (1) cracking along grain boundaries or intergranu-
lar failure, (2) intersubgranular failure along the subgrain
boundaries, and (3) transgranular shear failure, i.e., an over-
all mixed mode-type fracture.

In the as-received peak-aged and RRA peak-aged tempers,
fracture surfaces show a fibrous appearance, characteristic of
the materials that possess a highly directional pancake-type
grain structure, a type of fracture known as flutting, indicating
that the final fracture has a transgranular character.”®! Laminar
cracks are observed separating the transgranular and intergranular
regions and extending down the fracture surface parallel to the
loading direction. The spacing between the laminar cracks is
associated with fracture along the grain boundaries. The lat-
eral separation of the grains has apparently occurred due to
(1) cracking along the recrystalized and unrecrystallized grain
boundaries and (2) cracking along the individual subgains.

In the peak-aged (T8) and RRA temper conditions, the
presence of coherent shearable &' precipitates leads to inhomo-
geneous slip causing severe strain localization during defor-
mation. This strain localization arises because of the interaction
of mobile dislocations with the ordered coherent and par-
tially coherent particles dispersed in the matrix. The strain
localization due to concentrated deformation in planar slip
bands and at the point of their impingement on grain bound-
aries is one of the reasons for crack initiation. The mechanism
of intergranular cracking in 8090 alloy has been discussed
by Srivatsan and Place*” and in the T8 and RRA tempers
by Lavernia et al.*® in detail. Void initiation results at the
intersection of a slip band and coarse grain boundary pre-
cipitates. The applied stress assists in the growth of voids.
Linking of similar voids is an additional factor that promotes
or enhances intergranular fracture.

Fracture surfaces of specimens with only retrogression treat-
ments (Figures 4(b) and (c)) also exhibit mixed mode fracture.
Intergranular cracking and dimples are seen. The proportion
of dimples and their sizes, however, are greater than those seen
in the fractographs of peak-aged and RRA tempers. The ret-
rogressed state contains low dislocation density and low vol-
ume fraction of & precipitates. Thus, the strain localization
arising due to the interaction of mobile dislocations with the
&' precipitates is less operative, accounting for higher ductil-
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Fig. 4—SEM fractographs of (a) 8090-T8, (b) 8090R280, (c) 8090R250, and (d) 8090R250IA, exhibiting cracking along grain boundaries, intersubgranular
failure along the subgrain boundaries, and transgranular shear failure, i.e., overall mixed mode type fractures. Greater amounts of dimples are visible in the
retrogressed states ((b) and (e)). All of the fractographs exhibit fibrous appearance, characteristic of the material of highly directional pancake-type structure.

ity in the retrogressed temper. However, the strain localiza-
tion due to the presence of the grain boundary & precipitates
remains operative and hence the initiation of microvoids near
the grain boundaries leads to intergranular cracking.

C. TEM Microstructures

Figures 5(a) and (b) shows TEM photomicrographs of 8090
alloy in the peak-aged condition, exhibiting irregular-shaped
B’ (AlsZr) dispersoids on high-angle grain boundaries as well
as on the matrix, T;(Al,CuLi) precipitates on the matrix, and
also & (AlLi), T, precipitates on the grain boundaries. Dif-
fraction patterns of the phases have not been reported, as these
are well established for the alloy systems.!®*"-! Figure 5(b)
presents a dislocation structure within the grains and the sub-
grains of the 8090 alloy in the peak-aged T8 condition.

Figures 6(a) through (c) show TEM photomicrographs of
the samples retrogressed at 280 °C followed by isothermal
reaging to peak-aged temper (RRA 8090R280IA). Figure 6(a)
is a dark-field image showing &' precipitates. Figure 6(b), the
TEM microphotograph of the RRA 8090R280IA tempers,
shows a decrease of dislocations within the grains as com-
pared to that in the original peak-aged T8 temper (Figure 5(b)).

METALLURGICAL AND MATERIALS TRANSACTIONS A

Figure 6(c) shows lath-type T, and S’ precipitates decorated
on dislocations, dislocation loops, and helices. Figure 6(d)
shows TEM photomicrographs of the retrogressed and duplex-
aged (8090R280DA) temper (i.e., retrogressed at 280 °C fol-
lowed by duplex reaging to peak-aged temper), exhibiting a
uniform distribution of heterogeneous precipitation of T, and
S’ phases within the matrix.

The B’ precipitates are stable owing to the low solid sol-
ubility of Zr in Al. The dispersion of these particles, of
size ranging from 20 to 30-nm diameter, is very effective
in pinning grain and subgrain boundaries during thermal and
mechanical processing and thus inhibiting recrystallization.
On the other hand, coherent 8’ (Al;Zr) precipitates provide
heterogeneous nucleation sites for the matrix strengthening
&' (Als;Li) phase. The reduction of both strain and surface
energy is responsible for the effectiveness of the B’ parti-
cles in nucleating 8’ phase. The tendency of the dislocations
to form loops on the RRA-treated samples in aluminum-
base alloys has been reported.!**4"]

During retrogression, concentration of lithium atoms in the
solid solution increases due to the dissolution of &' (Al;Li)
precipitates, and this causes the nucleation and growth of the
lithium-bearing phases such as S’, T, and & phases.’**! The
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Fig. 5—TEM photomicrographs of the 8090-T8 temper (a) exhibiting B’
precipitates along the grain boundaries as well as within the grains. Equilibrium
o precipitates are also visible at the grain boundaries. () Dislocation densities.

dissolution of &' precipitates influences the vacancy con-
centration to the extent that vacancies are released by the dis-
solution of the phase. Like Mg, Li-vacancy binding energy
in binary Al-Li alloy and ternary Al-Li-Zn alloys™*!! has been
reported to be high. Gregson et al.'” claim that Li in solid
solution in Al-Li-Cu-Mg alloys significantly reduces the free
vacancy concentration due to its high vacancy binding energy,
and that the precipitation and growth of " would, therefore,
increase the concentration of free vacancies. This argument
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appears to contradict the hypothesis of Baumann and
Williams'*?! and of Suzuki ef al.,'*¥ who maintain that the
&' phase acts as vacancy traps and confines them during
aging. In the retrogression process, vacancy mobility will
be affected by the increased solute content, Li, Mg, and Cu,
in the solid solution, resulting from the complete dissolution
of the Guinier—Preston zones and & precipitates, as well as
by the increase of temperature from ambient to retrogression
(i.e., 250 °C and 280 °C). Although these solute elements in
solid solution are very effective in keeping vacancies bound
at room temperature, they are not as effective at these higher
retrogression temperatures and a percentage of these vacancies
will migrate to sinks such as grain boundaries and dislocations.
Some of the vacancies can collapse into loops and helices
and condense on existing loops and helices. These will have
an impact on the distribution of precipitates by providing
nucleation sites for strengthening phases upon further artifi-
cial aging. Artificial reaging of the retrogressed state results
in the reprecipitation and growth of &' phase. With the
progress of reaging time, the solid solution (i.e., matrix)
becomes progressively diluted in Li, thereby enhancing fur-
ther the vacancy mobility and lowering vacancy supersatur-
ation. These vacancies can continue to form loops, migrate
to dislocations and form helices, or annihilate at grain bound-
ary sinks. The first two mechanisms provide additional nucle-
ation sites for the strengthening phases within the matrix,
while the third one provides transport of solute atoms to grain
and subgrain boundaries, thereby encouraging growth of S’
and T, at these sites.! !

Figure 6(d), a TEM microphotograph of 8090R280DA
RRA temper, exhibiting uniform precipitation of S” and T,
in the matrix, needs some explanation. The RRA treatments
have caused an increase of T; phase, which has also been
reflected in the X-ray diffractograms in Figures 7 and 8. This
happens because, as stated earlier, during retrogression, Li
goes into solution, causing growth of Li bearing phases such
as T, and & phases. The RRA treatments may also cause
further S’ phase precipitation.**3#! Precipitation of S’ phase
in 8090 alloy depends upon free vacancy concentration, and
this is a function of both solution treatment temperature and
low-temperature aging, before artificial aging at a higher
temperature. During reaging of the retrogressed state at some-
what low temperature (150 °C), nucleation and growth of &’
particles occur. During the growth of &' phase, excess Cu
and Mg concentration occurs at the growth front and also
the vacancies strongly bound to Li atoms are released. These
result in favorable conditions for the precipitation of S’ pre-
cipitates.*¥ The uniform distribution of T, on the matrix
decreases the tendency of intergranular attack, resulting in
an improvement of SCC resistance,?**%! while the uni-
form distribution of S’ phase causes an improvement of duc-
tility by better slip homogenization.3”!

The lower amount of dislocation density in the RRA tem-
per compared to that in the T8 temper (Figures 5(b) and
6(b)) is due to the fact that retrogression at a temperature
of 280 °C of the peak-aged alloy causes annihilation of dis-
locations. Similar observations are also reported in the lit-
erature regarding the aluminum-base alloys.!'%1734!

In the RRA tempers, the total aging time is twice the aging
time of the conventional peak aging temper, and thus, the
microstructure of the RRA tempers in terms of grain and sub-
grain boundary precipitation approaches the microstructure of
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Fig. 6—TEM photographs (a) through (c) for the 8090R280IA temper showing (a) a dark-field image of & precipitates, (b) dislocation densities, (c) dec-
oration of T, and S’ phases on the dislocation loops and helices, and (d) for the 8090R280DA temper exhibiting uniform and homogeneous distribution of

T, and S’ precipitates within the matrix.

the overaging temper. The greater the aging time, the greater
the 6 phase precipitation on high-angle grain boundaries as
well as on low-angle boundaries.’*%! Further, during retro-
gression, dissolution of &' phase increases lithium concentration
in the solution and this in turn will cause nucleation and growth
of the Li bearing phase. This additional & precipitation and
its growth on the grain and subgrains play an important role

METALLURGICAL AND MATERIALS TRANSACTIONS A

in imparting resistance to intergranular corrosion and stress
corrosion cracking (SCC).[2427:28:46]

D. XRD Studies

From the TEM micrographs, it is difficult to estimate accu-
rately how retrogression and reaging treatments have influence
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on the amount and the distribution of T| and S’ phases indi-
vidually, because of partial overlapping of the T, and S’ phases
in the microstructures. However, the XRD studies indicate the
effect of RRA treatments in the precipitation of T, and 6 phases.
The effects of retrogression treatments on the S’ phase pre-
cipitation could not be explained with the XRD studies, because
the peaks of Al(j;;y and Al overlap the S’ phase peaks. So,
for that matter, TEM and DSC studies might be helpful.
Figure 7 shows diffractograms of the 8090 Al-Li alloy at
the peak-aged temper, retrogressed at the temperature 250 °C

900 Al(m) AI(ZOO)
S(131 S(132) Al
800 B‘ B (220)R2 DA
11 (200) P
700 ‘ ( mM 8*(211TN)k10§)(300
3 600_ ‘
$ 500- DIA
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= ‘ T, T
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Angle, 26

Fig. 7—XRD of the 8090 alloy of various tempers using Co K|, radiation.
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60
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Fig. 8—XRD of the 8090 alloy of various tempers using Cu K|, radiation.
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for 5 and 12 minutes, and retrogressed and peak aged (isother-
mal and duplex) tempers, using Co K, radiation, whereas Figure
8 shows diffractograms of 8090 Al-Li alloy at the peak-aged
temper, retrogressed at temperatures of 250 °C and peak aged
temper, retrogressed at the temperature 280 °C and peak-
aged temper, and overaged temper, using Cu K|, radiation.

The diffractograms of all the tempers of the alloy show the
peaks of all the probable phases, such as a-Al matrix, &'
(ALL1), 6 (AlL1), S’ (Al,CuMg), T (AL CuLi), and 8’ (Al3Zr),
that would be present in the alloy system.* The diffractograms
of the samples of the 8090 alloy retrogressed at 250 °C for
5 and 12 minutes exhibit the disappearance of (;o, peak and
the appearance of additional T, o, peak and other intensified
peaks of the T, and & phases. The disappearance of the &)
peak is attributed to the dissolution of &' phase in the solid
solution because the retrogression temperature is above the &’
solvus line. The appearance of additional T, peak and other
intensified peaks of the T, and 6 phases is due to the fact that
as &' phase dissolves in solution during retrogression, the
lithium content of the solid solution increases and lithium bear-
ing phases, such as 6, and T), nucleate and grow.

The diffractograms of the retrogressed to RRA tempers show
the reappearance of the ;o peak with the presence of other
additional peaks of T, and & phases formed during retrogres-
sion. Reaging the retrogressed state to the peak-aged tempers
brings back the &' phase into the matrix, which is reflected in
the diffractograms of the RRA tempers. However, once the
additional peaks and intensified peaks of particular phases
appear in the diffractograms of the retrogressed state, they
remain as it is or they grow during reaging to peak-aged tempers.

E. DSC Studies

Differential scanning calorimetric studies provide com-
plementary information on phase transformation in addition to
that obtained by means of other metallurgical techniques. In
particular, precipitated particles or zones can be detected by their
dissolution peaks during temperature scanning even if their
sizes are not large enough for an easy TEM characterization.

Figure 9 shows a DSC thermogram of solution-treated
and water-quenched 8090 Al-Li alloy at a heating rate of
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Fig. 9—DSC thermogram of solution-treated and water-quenched 8090 alloy.
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10 °C/min. Figures 10(a) through (d) show the DSC ther-
mograms of the T8 temper, retrogressed at 280 °C, retro-
gressed isothermal and duplex peak-aged (RPA) tempers. The
curves are smoothed with the help of in-built software in the
computer-controlled DSC unit, but no baseline correction is
incorporated.

The thermogram in Figure 9 exhibits many exothermic
and endothermic peaks (marked “A” through “G”), indi-
cating the sequence of precipitation and dissolution reac-
tions.[**3%-311 The precipitation reactions are as follows:
A—GPB zone formation; B—precipitation of the &’ phase;
C—dissolution of GPB and & precipitates; D—precipitation
of S (S"), T,, and & phases; E—dissolution of S (S"), T,
and 6 phases; F—dissolution of Li-bearing zones; and G—
partial dissolution of GPB zones. The precipitation and dis-
solution reaction kinetics of all of the phases occurring in
the 8090 alloy system are discussed and analyzed in detail
elsewhere.!*”)

The DSC thermogram, in Figure 10(a), has two clear
endothermic peak regions, C and E, and one exothermic peak
region, D. The absence and/or less prominent, or minutely
resolved lower temperature exotherms, i.e., peaks A and B
in the peak-aged tempers, indicates that the alloy is not super-
saturated with solute atoms as in the as-quenched state. In other
words, this alloy being in the peak-aged temper contains a
maximum amount of &' precipitates in the matrix. However,
the DSC thermogram (Figure 10(b)) of the retrogressed
(8090R280) state shows that the lower temperature exotherms,
i.e., peak regions A and B, reappear in the retrogressed temper.
In the retrogressed temper, the solid solution again is super-
saturated with Li atoms because of the dissolution of &'
precipitates into solution upon retrogression treatment. There-
fore, during DSC runs, the reappearance of peak A (forma-
tion of GPB zones) and peak B (precipitation of &’ phase)
is obvious. Figures 10(c) and (d), the DSC thermograms of
the retrogressed and isothermal peak and duplex-aged tem-
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Fig. 10—DSC thermograms of (a) 8090-T8, (b) 8090R280, (c) 8090R280IA, and (d) 8090R280DA tempers at a heating rate of 10 °C/min.
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pers, again show peaks C through E, similar to those of the
as-received peak-aged temper. Again, the absence of lower
temperature peak A and peak B indicates that the solid solu-
tion is no longer supersatutared with solutes or does contain
equilibrium solute content. Thus, it can be inferred that reag-
ing the retrogressed tempers causes reprecipitation of &' in
the matrix with additional microstructural changes.

F. Electrochemical Behavior

Figure 11 shows potentidynamic polarization curves of 8090
alloy in as-received peak-aged (T8), RRA, and overaged (T7)
tempers in 3.5 pct NaCl solution. The shape of the polarization
curves is similar for all the tempers in all environments. The
curves show that the open circuit potential (OCP) values have
shifted to more negative potential with aging time. Similar
observations have been reported by other researchers. 64752
The OCP of the overaged temper has the most negative value,
whereas the OCP values of the RRA tempers lie in between
the OCP values of the overaged and peak-aged tempers.

It is an established fact that the OCP depends, for a given
environment, on the microstructure and the constituent phases.
Thus, the shifting of OCP values in the RRA temper and with
the aging time toward a more negative direction compared
to the peak-aged temper is an indication of the presence of a
higher proportion of anodic 8, T, and S’ (S) phases. The neg-
ative shift in potential can also be attributed to a gradual estab-
lishment of microscopic galvanic local cell formation. The
greater the aging time, the greater is the precipitation of T,
and & inside the grains, on the grain boundaries, as well as
on the subgrain boundaries, providing sites for local cell for-
mation. Hence based on the OCP values, it can be inferred
that the microstructure of the RRA tempers approaches the
microstructure of the overaged temper.
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Fig. 11—Potentiodynamic polarization curves of 8090 alloy of various tem-
pers in 3.5 pct NaCl solution.
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IV. CONCLUSIONS

The TEM, XRD, and DSC studies on the 8090 alloy have
revealed the presence of all of the probable phases, such as
a-Al matrix, 8’ (ALLi), 6 (AlLi), S" (ALCuMg), T1(AL,CuLi),
and B’ (AlsZr) phases, that would be present in the alloy
system. The XRD, TEM, and DSC studies have shown that
retrogression causes dissolution of &' phase into solid solu-
tion and reaging the retrogressed state causes reprecipitation
of &' phase in the matrix. Further, XRD studies have exhibited
an additional peak and or intense peaks of T, and 6 phases
in the RRA-treated samples. The TEM studies have shown
that retrogression treatment has led to a decrease of dislocation
densities and the tendency of formation of loops and helices.

Retrogression treatment causes a decrease of hardness and
tensile strength and an increase of ductility, which is attrib-
uted to the dissolution of matrix strengthening &' precipi-
tates into solution and reduction in dislocation densities.
Reaging the retrogressed state leads to the reprecipitation of
&' phase within the matrix, resulting in the restoration of the
original peak aged hardness and tensile strength. Fractographs
of the 8090 alloy specimens of the conventional peak-aged,
retrogressed, and RRA aged tempers exhibit an overall mixed
mode type fracture. The fractographs of the retrogressed
state also show mixed mode fracture, but the number of dim-
ples and their sizes are more.

The OCP values of the RRA tempers lie in between the
OCP values of the peak-aged and overaged tempers. The shift-
ing of OCP values toward more negative (anodic) direction
with RRA treatment and with the aging time is due to preci-
pitation of a higher amount of anodic phases such as 6 on
the grain and subgrain boundaries and T; and S’ on the matrix
with overaging and RRA tempers.
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